
J O U R N A L  OF M A T E R I A L S  S C I E N C E  23 (1988) 2037-2050  

Failure-mechanism maps for engineering 
polymers 

Z. BIN A H M A D  
Corporate Planning Department, Sime Derby Berhad, Jalan Raja Lant, 50350 Kuala Lumpur, 
Malaysia 

M. F. A S H B Y  
Cambridge University Engineering Department, Trumpington Street, Cambridge CB2 1PZ, UK 

This paper reports on progress in assembling experimental data and simplified theoretical 
models for the deformation and fracture of engineering polymers into diagrams which sum- 
marize their inelastic response to stress. A number of regimes are identified: brittle fracture 
initiated by crazing or shear-banding; plasticity terminated by ductile fracture; cold-drawing; 
rubbery and viscous flow; a regime in which deformation is purely elastic; and one in which 
adiabatic heating influences deformation. Data for a number of commercial polymers (poly- 
methylmethacrylate, polystyrene, polycarbonate, polyisobutylene and an epoxy resin) are fitted 
to simplified constitutive equations for each regime. The equations are then used to construct 
diagrams, one for tension and one for compression, which relate strength to temperature T and 
strain rate ~, over a wide range of these variables. 
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Specific heat (J kg- 1 K -  I ). 
WLF constants, af 
Modulus ( N m  2). 0~ m 

Modulus at 0 K  (Nm-2) .  
Fracture energy per unit area fi 
(J m-2). 
Critical stress intensity factor 6c 
(N m-  3/2 ). 

Critical stress intensity factor at ~ ....  6o0,m 
OK (N m- 3/2). 
Molecular weights (kg mol-  1 ) .  

Critical molecular weight (kg 
reel-1 ). 
Universal gas constant (J me1-~ i0 
K-~). 
Temperatures (K). 0 
Glass transition temperature (K). AT 
Brittle-ductile transition tem- AH 
perature (K). AH v 
Decomposition temperature (K). 
Normalized temperature (K). a 
Pressure activation volume (m 3). 6 
Shear activation volume ( m  3). fib, ay 

Thermal diffusivity (m 2 sec- ~ ). 
Flaw size (ram). a c ,  a T  

Fractional free volume at Tg. 
Bulk modulus (N m 2). a (T, 4) 
Characteristic dimension (m). 
Number  of molecules, o- d 
Pressure (N m ~). ar 
Heat  diffusion time (sec). as 
Mass per chain atom. a0 
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Fractional difference between 
compressive and tensile strengths. 
WL F constant. 
Temperature coefficient of the 
modulus. 
Pressure coefficient of the yield 
stress. 
Critical crack opening displace- 
ment (m). 
Critical crack opening displace- 
ments for molecular weight. M at 
temperatures T and 0 K, respect- 
ively (m). 
Strain. 
Strain rate (sec- ~). 
Pre-exponential for strain rate 
(see '). 
Density (kg m -  3). 
Temperature rise (K). 
Activation energy (J reel 1). 
Activation energy for viscous 
flow (J mol-  1 ). 
Stress (Nm-2) .  
Normalized stress. 
Brittle and yield strengths, 
respectively (N m-  2). 
Compressive and tensile stresses, 
respectively ( N m  2). 
Temperature- and strain rate- 
dependent stress (N m-2). 
Drawing stress (Nm 2). 
Fracture stress (N m-2). 
Shear stress (N m-Z). 
Tensile stress at 0 K (N m 2). 
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0"f,0, 0"y,0 

0"f0,m, 0"f0,k 

Fracture stress and yield stress at q 
0 K, respectively (N m 2). q0 
Fracture stress at 0 K for molecu- 
lar weights M and Mk, respect- r/rg 
ively (Nm-2).  qcr 

1.  I n t r o d u c t i o n  
Engineering design with polymers requires an under- 
standing of their stiffness and their strength, and the 
way these depend on temperature and the time or rate 
of loading. This paper concerns strength: the stress at 
which the polymer deforms plastically or fractures, 
and the mechanisms by which it does so. 

An idea of the range of response is given by Fig. 1, 
which shows, schematically, how the stress-strain 
curve of an engineering polymer changes with tem- 
perature at constant strain rate. At the lowest tem- 
perature it is as brittle as glass, at the highest, as plastic 
as putty; in between it is ductile and tough. The picture 
is further complicated by the variable of stress-state: 
the response in tension differs markedly from that in 
compression. 

Briefly, the known mechanisms of failure are as 
follows. At temperatures well below the glass tran- 
sition temperature, Tg, the polymer responds in an 
almost linear-elastic manner up to the breaking point 
where it fails by brittle fracture. The elastic elongation 
is only a few per cent and catastrophic fracture occurs 
suddenly without any indication of plastic yielding, 
although it is generally thought that it is initiated by 
localized shear yielding or crazing. Both shear-banding 
and crazing are favoured by localization of plastic 
strain and therefore are common in polymers exhibit- 
ing strain-softening characteristics. They are compet- 
ing mechanisms; the one which dominates depends on 
the conditions of testing and the structure of the poly- 
mer. Crazing is suppressed by compressive stresses 
and by a high degree of cross-linking; it is favoured 
by certain environments, giving a link between craze 
formation and the phenomenon of environmentally- 
assisted fracture. 
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Figure 1 Schematic load-extension curves for a linear polymer at 
different temperatures. Well below Tg the polymer is brittle. Near Tg 
it is plastic and may show cold-drawing. Above Tg, it is viscous. 
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Melt viscosity (N m- 2 sec). 
Pre-exponential for viscosity (N 
m -  2 s ec ) .  

Viscosity at Tg (Nm -2 sec). 
Critical viscosity (N m -2 sec). 

Increasing the temperature changes the mode of 
fracture from brittle to ductile, characterized by the 
appearance of a yield point where the load falls prior 
to fracture. The elongation is still comparatively 
low, sometimes with indications of necking. A further 
increase in the temperature leads to necking and subse- 
quent cold-drawing where the extensions are now very 
large: up to 1000%. The onset of cold-drawing, how- 
ever, is very much dependent on the stability of the 
neck and this is governed by the level of strain harden- 
ing and, perhaps, by adiabatic heating (discussed 
later). Finally, at very much higher temperatures, the 
polymer deforms homogeneously by viscous flow 
with very large extensions. For amorphous polymers 
this flow behaviour normally occurs at temperatures 
well above Tg and the corresponding stress levels are 
very low. 

Broadly speaking, each mechanism has a charac- 
teristic range of temperature, stress and strain rate in 
which it is dominant. When the stress is normalized by 
the modulus and the temperature by the glass tran- 
sition temperature the fields of dominance of a given 
mechanism for a number of polymers are brought into 
approximate coincidence. So in formulating equations 
to describe the flow and fracture mechanisms, it makes 

them in terms of the normalized sense to express 
variables: 

=  /E0 (1) 

= r / r g  (2) 

The modulus E itself depends on temperature. 
Within the glassy regime (T < 0.9 Tg) this tempera- 
ture dependence can be approximated by 

E = E0 1 -- ct m (3) 

where am is a dimensionless temperature coefficient. 
Data for E0, Tg and a m are assembled in Table I. 

We now examine the mechanisms in more detail, 
identifying a simplified constitutive equation (an 
equation relating stress, temperature, strain rate and 
material properties) for each. Throughout the paper 
we use the abbreviations for the polymer names given 
in Table I. 

2.  M e c h a n i s m s  o f  f a i l u r e  
2 .1 .  Br i t t le  f rac ture  
Low temperatures (~0.8Tg) or high strain rates 
favour brittle fracture (Fig. 2). If the polymer contains 
incipient cracks or flaws (crack length = 2c) then 
fracture occurs in tension when, roughly speaking, the 
Griffith criterion [14] is satisfied, that is when the 
tensile stress exceeds 

af = K~c/(nc) m (4) 

Equation 4 implies that the fracture stress increases 
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Figure 2 Schematic diagram illustrating brittle fracture. It 
is typical of the temperature range below 0.8Tg. A crack 
nucleates at a pre-existing flow or craze and propagates 
unstably. 

with decreasing flaw size, but for polymers it is found 
that there is a critical flaw size below which the frac- 
ture stress becomes independent of the size of flaws 
which have been deliberately introduced [15, 16]. This 
leads to the conclusion that polymers contain natural 
defects which behave like flaws, or that the application 
of stress in some way creates them. At room tempera- 
ture the critical flaw sizes for PS and PMMA are about 
1 mm and 0.05 ram, respectively [15]. The general view 
is that a naturally occurring defect in an unnotched 
sample is a craze or a shear band (both of which have 
crack-like stress fields associated with them) and that 
the tensile strength of the brittle regime is given by 
Equation 4 with c set equal to the typical value. The 
brittle-fracture strength in compression is much larger- 
a factor of  between 10 and 15 t imes-because crack 
growth in compression, though possible, is much more 
difficult [17]. For  many polymers this compressive 
fracture strength is so large that another mechanism 
(plasticity) operates instead. 

We are interested in the way in which the fracture 
strength varies with temperature and rate of loading. 
It is known that Klc for some polymers, at bast, 
depends on these variables, but that the critical crack- 
opening displacement, 6¢, does not [18-21]. Since 6c 
can be written as K~c/E~ry it follows that 

K~c K~c.o 
- ( 5 )  

EO-y E0 ay,o 

where subscript 0 refers to the value at a reference 

temperature, To. Assuming that the incipient crack 
length c remains constant, Equations 4 and 5 give 

0"f __ O"f'0 / ~ ~''- )0"y \1,/2 
(6) 

Eo E o .  ~ oy.0/ 

where the stresses have been normalized with E o. 
Taking the reference temperature To as 0 K and using 
Equation 3 gives 

I( O'f O'f, 0 O'y 
E0 E0 ~ 1 - ~m ~ g g / j  (7) 

Values of the normalized fracture stress at OK, 
af, o/Eo, are listed in Table II. Values of ~x m were given 
in Table I. The yield strength ratio ay/ay,0 is discussed 
in the next section. 

In the truly brittle regime, a single craze or shear 
band may be all that is required to trigger fracture. 
But at temperatures near 0.8 Tg, crazing (Fig. 3) 
becomes more general and may even allow a certain 
amount of "plastic" deformation. A craze is a crack- 
like region consisting of an interpenetrating system of 
voids and drawn polymer fibrils. But unlike a true 
crack, load is transmitted across the craze faces by the 
fibrils. The initiation of a crack from the craze occurs 
when the fibrils break down (Fig. 3). Because of this, 
crazes ean grow in a stable way giving a limited 
amount of additional strain (for a review see Kinlock 
and Young [27]; for stress-criteria for crazing see 
Sternstein and Ongchin [28] and Oxborough and 
Bowden [29]; and for the effect of environment in 

T A B L E  I Data for E0, Tg and a m 

Polymer E0 (OPa) Tg (K) % 

Polymethylmethacrylate (PMMA) 8.57 [1, 2] 378 [3-5] 0.28 [1, 2] 
Polystyrene (PS) 6.30 [1, 2, 8, 9] 373 [3-5] 0.28 18, 9] 
Polycarbonate (PC) 7.25 [1, 2] 423 [10] 0.30* 
Polyisobutylene (PIB) 7.90? 203 [11] 0.28* 
Epoxy resin (EP) 5.30 [12] 423 [12, 13] 0.31 [12] 

* Assumed values. 
tEstimated from data of Schmeider and Wolf [7]. 
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Figure 3 Schematic diagram showing crazing and the 
nucleation of a crack within a craze. Near 0.STg, 
crazing can be general, giving significant inelastic 
extension before fracture. 

stimulating crazing see Andrews and Bevan [30] 
Rabinowitz and Beardmore [31], Brown [32] and Wu 
and Brown [25]). 

2.2. Plast ici ty  
True plasticity starts, in most commercial polymers, at 
around 0.8 Tg in tension, but extends to much lower 
temperatures in compression. Large plastic strains in 
compression are possible by shear banding (Fig. 4) 
and this mechanism can operate in tension also. But it 
is also common in linear polymers to find that plastic- 
ity in tension results from cold-drawing: a very non- 
homogeneous deformation, during which the polymer 
molecules align themselves with the tensile axis 
(Fig. 5). 

The temperature dependence of the fracture strength, 
af, and of the plastic strength, O'y, differ: usually the 
plastic strength (which we review in a moment) falls 
faster. Then, for a given strain rate, stress state and 
sample geometry (simple tension of a round bar, for 
example) there exists a characteristic temperature - 
the ductile-brittle transition temperature - at which 
the two strengths are equal. Below this temperature ar 
is lower than o-y and the preferred failure mode is 
brittle. Above, plasticity leading to a ductile fracture 
becoming the dominant mechanism. Table III gives 
some typical values of the transition temperatures Tb 
corresponding to strain rates of  the order of  10 -3 
sec -1, for unnotched samples in tension. For poly- 

TABLE II Normalized fracture stress at OK 

Polymer a ~.o / Eo 

PMMA 0.021" 
PS 0,0165f 
PC 0.023:~ 
PIB 0.021§ 
EP 0.021 ¶ 
* Extrapolated, using data of Beardmore [22], Imai and Brown [23], 
Morgan and Ward [20] and Vincent [24]. 
?Extrapolated, using data of Wu and Brown [25]. 
Extrapolated, using data of Bauwens-Crowet et al. [26]. 

§Assumed. 
¶ Extrapolated, using data of Pink and Campbell [12 I. 
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styrene, Tb and Tg are almost the same, leading 
Vincent [24] to suggest that there is a partial corre- 
lation between the yield process and the molecular 
relaxations that govern the tensile modulus. Similarly, 
for polycarbonate, the low transition temperature has 
been attributed to the secondary relaxations that 
occur at two temperatures [34]. 

In a ductile regime, polymers show a yield stress 
followed by a constant drawing or shearing plateau as 
shown schematically in Figs 4 and 5. Both the yield 
stress and the drawing stress depend on temperature, 
strain rate and hydrostatic pressure. For  polymers it is 
found that the compressive yield stress is always 
greater than the tensile yield stress. This implies that 
the usual Tresca and Von Mises yield criteria are not 
adequate to describe their yield behaviour, which 
depends on hydrostatic pressure [35-37]. A number of 
workers [37-47] have developed molecular models for 
yield and drawing. Almost all are based on extensions 
of the Eyring equation following the lines developed 
to describe plastic flow in metals (see, for example, 
Kocks et  al. [48]). When suitably recast, almost all the 
models reduce approximately to the equation 

8 = ~°expI-(AH-asV~+pVp)]RT (8) 

where AH is the activation energy for the unit flow 
process and 80 is an adjustable pre-exponential con- 
stant. Equation 8 can be rearranged in the form 

i = ioexp - ~-~ 1 - - -  + fl (9) 
O'y,0 

We now define the fractional difference between the 

TAB L E I I I Brittle-ductile transition temperature (T b) 

Polymer T u (K) 

PMMA 318 [33] 
PC 73 [33] 
PS 363 [331 
EP 73 [12] 
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Using Equation l0 we can invert Equation 9 to give 

( l l )  

where the positive sign gives the compressive strength 
and the negative sign gives the tensile strength. Some 
polymers (see Ward [49]) obey the simple equation 
well. Others require a summation of two Eyring terms 
to give a complete description [50]. We will use the 
simple Equation 11 in constructing the maps which 
follow. We have fitted data from various sources to it 
to determine the constants. They are tabulated in 
Table IV. 

I 
0.5 

Figure 4 Shear yielding by the formation of localized bands 
or packets of shear. 

2.3. Viscous  f low 
At sufficiently high temperatures (T > l.lTg) poly- 
mers deform by viscous flow. This is the regime in 
which the injection moulding and forming of linear 
polymers is performed. Within it, the stress is related 
to the strain rate by 

a 3~t/ 
- (12)  

where t/is the melt viscosity. 
There have been numerous theories proposed to 

describe the temperature-dependence of the viscosity 
in this regime (for a review see Kumar, [53]). At the 
highest temperatures it follows an Arrhenius law: 

t/ = q0 exp LRTg 

where q0 is the viscosity at a reference temperature T 0. 
Equation 13 is useful only for a limited range of 

b 

W n" 
I--- 

J 

1 

/ 
~ R 

i FRACTURE 
FULLY 
DRAW-~ 

~ORIENTATED ~ 

L•INEAR ELASTIC 

I 
0 02 

DRAWING 

0.4 
STRAIN~ E 

I I 
2 .8  3.0 Figure 5 Schematic diagram illustrating yield followed by 

cold-drawing. Extensions are large. 

2041 



T A B L E  IV Yield and drawing data 

Polymer c~ ~y,0/Eo g0 (see- 1 ) AH/RTg 

PMMA* 0.288 0.045 6 × |010 33 
PS? 0.30 0.038 1 × 10 t6 52 
PC~ 0.20 0.023 3 × 1014 46 
PIB§ 0.288 0.045 6 × 1010 33 
EP¶I 0.10 0.024 1 x 1015 45 

* Extrapolated, using data of  Vincent [24], Beardmore [22], Imai 
and Brown [23] and Morgan and Ward [20]. 
?Extrapolated using data of  Argon et al. [51], Bowden and Raha 
[52] and Wu and Brown [25]. 
SExtrapolated, using data of Bauwens-Crowet et al. [26]. 
§Assumed. 
~'~ Extrapolated, using data of Pink and Campbell [12]. 

temperatures because, near Tg, the activation energy 
AH v itself depends on the temperature [54, 55]. Near 
Tg, a better description [56] is given by 

- 2.303C, (T - To) 
r/ = %exp C2 + T -  T O (14) 

In using this equation it is common to take the refer- 
ence temperature to be Tg itself, when the constants C1 
and C2 have the values 17.4 and 51.6K, respectively 
(though these should only be used in the absence of 
experimentally determined values), and % then 
becomes r/rg. It is found that Equation 14 fits the 
experimental data quite well, and it is this equation 
which we have used in constructing the diagrams 
shown later. Values of tlrg, C1 and C2 are listed in 
Table V. 

As the temperature is raised further, a characteristic 
value T d is reached at which chemical decomposition 
of the polymer occurs. Absolute and normalized values 
of T d are given in Table VI. 

2.4. Adiaba t ic  hea t in9  
The tensile behaviour of polymers is complicated by 
their low thermal conductivities. The heat generated 
during plastic deformation accumulates within a local- 
ized region of the specimen, causing local softening. 
At low rates of loading, the heat is conducted away 
sufficiently rapidly that the temperature rise is unim- 
portant. But as the loading rate is increased, less time 
is available for conduction and the local temperature 
in a shear band rises. The heat is conducted into the 
unyielded material on either side of the sheared zone, 
thereby reducing its yield strength and giving strain- 
softening. With increased strain-softening, necking 
takes place and, coupled with the reduced local yield 
stress, the neck is able to propagate to give cold- 
drawing. Marshall and Thompson [59] have used this 

T A B  LE V Flow viscosity parameters 

Polymer r/Tg (N m 2 see) C 1 C 2 ( K )  

PMMA 9 × |015. 20.9 [57] 58 [57] 
PS 3 x 10 ~4. 14.5 [57] 50.4 [57] 
PC 1.5 x 1016. 17.4 [57] 51.6 [57] 
PIB 9 x 10 Is? 17.4 [57] 51.6 [57] 
EP - - - 

* Best fit of  experimental data. 
?Assumed. 
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T A B  L E V I Decomposition temperatures 

Polymer T d/Tg T d (K) 

PMMA 1.44 [58] 544 [58] 
PS 1.46 [581 545 [581 
PC 1.50" 635* 
PIB 3.07 [l 1] 623 [11] 
EP 1.50" 635* 

*Assumed. 

idea to explain cold-drawing in polyethylene tereph- 
thalate; but it has generality and all polymers, under 
the right circumstances, will show adiabatic heating 
effects. 

For significant adiabatic heating two conditions 
must be met. First, assuming no heat loss, the plastic 
work, cr~a, per unit volume (where ~d is the drawing 
stress) must be sufficient to raise the temperature 
significantly. The energy associated with raising the 
temperature of the polymer, per unit volume, by AT is 
ATCpQ. For no heat loss we therefore have the 
condition 

ade = ATCp~ (15) 

We will assume that a temperature rise of 10°C or 
more will significantly change the properties of the 
polymer. Then, from Equation 15, the first condition 
for adiabatic heating is that the drawing stress must be 
greater than the critical value: 

ca > lOCpQ/a (16) 

This is a necessary, but not a sufficient, condition for 
adiabatic heating to be important. If  the strain rate is 
low, the heat generated by the plastic deformation is 
conducted away and thus the temperature does not 
rise significantly. The second condition is that the time 
taken to insert the plastic work is small compared to 
the characteristic heat diffusion time. The heat dif- 
fusion time is defined as 

t = 12/2a 

where a is the thermal diffusivity and l is a character- 
istic dimension of the sample, which we assume to be 
the distance from the centre of the sample to the 
nearest heat sink. If the average strain in the sample is 
unity, then the second condition for adiabatic heating 
is that the strain rate exceed the value 

> 2a/l 2 (17) 

Data for density, specific heat and thermal diffusivity 
are given in Table VII. Using these data, and assuming 
an average strain of unity, we find that adiabatic 
heating requires, from the first condition, 

o- d 
E00 > 2 x 10 3 (18) 

and that the second condition imposes the require- 
ment on strain rate of 

a > 10-3sec 1 (19) 

These two conditions now define an area, shown as a 
shaded zone on later diagrams, in which adiabatic 
heating is significant. It is worth noting that Allison 



T A B L E  V I I  Thermal  properties 

Polymer Density (kg m -  3) Specific heat (J kg -  1 K 1 ) Thermal  diffusivity (m 2 sec- 1 ) 

P M M A  1.2 x 103 1500 1.1 x 10 7 
PS 1.1 × 103 1400 0.9 x 10 -7 

PC - - - 
PIB 0.9 x 103 1600 1.0 x 10 -7 
EP 1.5 x I03 1850 1.2 x 10 .7 

and Ward [60] show a drop in the drawing stress for 
polyethylene terephthalate for strain rates greater 
than 10 _3 sec -~, which is in general agreement with 
this calculation. The yield strength, however, does not 
show this drop because the strains at yield are much 
smaller (the plastic strain may be as little as 1%) so 
that the limit set by Equation 16 is increased. 

3. The inf luence of molecular  w e i g h t  on 
fai lure mechanisms 

Polymer properties depend on molecular weight, Mw. 
First, the modulus E0 and the glass temperature Tg 
both tend to increase with Mw. But even if strengths 
are normalized by E0 (as we do in Section 4), a further 
dependence on molecular weight remains. It is not 
fully understood, though it must partly reflect the fact 
that at a crack tip, or within a craze or a shear band, 
short molecules (low Mw) unravel and separate more 
readily than longer ones. The incomplete physical 
understanding can be compensated for by developing 
empirical modifications of the constitutive equations 
to build into them a dependence on Mw, and it is of the 
greatest value to do so: then, data obtained from a 
batch of polymer with one Mw can be used to predict 
the properties of a batch with a different Mw. An 
example of this procedure is given in Section 4. 

We now consider briefly the molecular-weight 
dependence of the important properties and failure 
mechanisms. We define the weight-average molecular 
weight as 

y n,M 2 
m w - -  n,Mi 

where ni is the number of molecules of molecular 
weight between M~ and Mi+l, and the sums are taken 
over all i. 

3.1. The dependence of the modulus on M w 
The glassy modulus reflects the intrinsic stiffness of the 
secondary bonds in the polymer; and this is not 
influenced by molecular weight (that is why all linear 
amorphous polymers have roughly the same glassy 
modulus). We shall take E 0 to be independent of Mw. 
The rubbery modulus (that above Tg), on the other 
hand, depends strongly on Mw. A large molecular 
weight gives a broad rubbery plateau; reducing Mw 
reduces or removes it entirely [61]. 

TABLE V I I I  Values of Tg.~, A and B (after Fedors [62]) 

Polymer Tg,~ (K) A (kgkmol  t) B (kgkmol  - l )  

P M M A  387 1.7 x 108 2800 
PS 373 1.0 x 108 378 
PC 436 2.59 x 108 1270 
EP - - 

3.2. The dependence of the glass transition 
temperature on Mw 

The dependence of the glass transition temperature, 
Tg, on the molecular weight, M, of the polymer is 
given [62] by 

A 
rg = rg,~ M + B (20) 

where Tg,~ is the limiting glass transition temperature 
of the polymer of infinite molecular weight and A and 
B are material constants whose values depend on the 
chemical structure of the polymer. Values of Tg,~, A 
and B are listed in Table VIII. 

3.3. The dependence of fracture properties 
on Mw 

The influence of molecular weight on the fracture 
behaviour of polymers has been widely investigated 
[2l, 63-70]. Below a critical value Mk of the molecular 
weight, fracture parameters such as the fracture 
energy, crazing stress and crack opening displacement 
depend on Mw; above, they do not. Fig. 6 shows 
examples of this for the three linear polymers which 
concern us here: PMMA, PS and PC. The effect has 
been linked to the stress for crazing, which varies more 
rapidly with Mw than the yield stress does [68, 70], 
suggesting that the craze stress is dependent on the 
rate at which disentanglement of the network struc- 
ture can occur. Donald [70] suggested that low mol- 
ecular weight polymers with a low entanglement den- 
sity (such as PS) would possess a higher transition 
temperature (crazing-to-yield) than samples of high 
molecular weight. The reverse is true for polymers 
with a high entanglement density such as PC. Data 
for the critical molecular weight are summarized in 
Table IX. 

The constitutive equation for fracture (Equation 7) 
was based on the experimental observation that the 
critical crack opening displacement (unlike K~c or G~c) 
was independent of temperature and loading rate. It is 

T A B L E  I X  Critical molecular weights, Mk 

Polymer M k (kg kmol l) Typical molecular weight 
(kg m o l -  E ) 

P M M A  2 × 105 [69]; 1 x 105 [55]; 
1.5 x 105 [65] 4 × 106 [72] 

PS 2 x 105 [70]; 2.5 x 105 [54]; 
1.6 x 105 [65] 3.6 x 105 [72] 

PC 1.5 x 104 [71]* 3 x 104 [54]; 
3.5 x 104 [72] 

EP - 3500 [13, 73] 

*Based on the dependence of  fracture stress on the viscosity- 
average molecular  weight, M v. 
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Figure 6 The dependence of the fracture strength on molecular 
weight for (a) PMMA, (b) PS and (c) PC (after Kinloch and Young, 
[27]). 

known to depend on Mw in much the same way that 
the fracture strength does (Fig. 6) [69, 74]: 

5~, m oc Mw if Mw < Mk (21a) 

and 

5~,m = constant if Mw /> Mk (21b) 

where 5c, m is the critical crack opening displacement 
corresponding to a molecular weight, Mw. Using the 
standard results 5o = g~c/Effy and K~c = rcca 2 gives 

= ( 5c'mEO'y ~ 1/2 (22) 
af'm \ 7~C / 

The glassy modulus, E, does not depend on molecular 
weight; nor does ay (see next section). Then the frac- 
ture strength corresponding to a given molecular 
weight is related to that at the critical molecular 
weight (using Equations 21 and 22) by 

(U ar, m = ar, k if Mw < Mk (23a) 

~rf, m = af, k if Mw >~ Mk (23b) 

In constructing diagrams shown later, the fracture 
strength at the critical molecular weight was obtained 
from plots like Fig. 6, and then corrected to the new 
molecular weight using Equations 23. 

T A B L E  X Critical molecular weight, Mer , (after van Krevelen 
[55]) 

Polymer Met (kg kmol 1) 

PMMA 3.0 x 10 4 
PS 3.5 × 10 4 
PC 3.0 × 10 3 

EP 

3.4. The  d e p e n d e n c e  of yield s t r eng th  on Mw 
The yield strength of a linear polymer, at a given 
fraction of Tg, is essentially independent of molecular 
weight [68, 70]. We may then use Equation 1 l, which 
is expressed in terms of T/Tg, without change. 

3.5. The dependence of viscous f low on M w 
The polymer viscosity, r/, depends on the molecular 
weight, Mw, in one of two ways. Below a critical 
molecular weight, M , ,  
Table IX) the viscosity 
ecular weight so that 

r/ = 

(which differs from that of 
is proportional to the mol- 

M . )  (24a) t&r 

where qcr is the viscosity of a melt with molecular 
weight Mot. Above Mcr , the dependence changes such 
that 

r/ = r/, (24b) 

Data for Mcr are listed in Table X. 
We have used this information to adapt the equation 

for viscous flow (Equation 12 with Equation 14) to 
include molecular weight. Most commercial polymers 
have molecular weights that are larger than M , ;  then, 
in the range M > Mcr, Equation 24b is used to modify 
Equation 14. When extrapolating to molecular weights 
below Me,, Equation 24a is used for the part of the 
extrapolation for which M < Me,. The procedure 
sounds cumbersome when expressed in words, but it is 
simple to include in the numerical procedure for con- 
structing failure-mechanism diagrams, which we now 
describe. 

4. Fai lure-mechanism diagrams 
4.1. Construction of the diagrams 
Polymers, we have seen, fail by one of a number of 
competing mechanisms: brittle fracture, plastic col- 
lapse, viscous deformation and so forth. Each can be 
described by a constitutive equation with the general 
form 

o" 
Eoo = f ( i ,  T/Tg, stress state, molecular weight) (25) 

where a is the "failure strength"; we called it ar for 
brittle fracture, O'y for plastic yielding and o- V for 
viscous flow. For a given i, T/Tg, stress state and 
molecular weight, one mechanism will allow failure at 
a lower stress than any other. We define this as the 
dominant mechanism, and the failure strength is given 
by 

o- least o f (  ar ay a~oo) (26) 
£o Eo' Eo' 
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It is attractive to have an overall picture of  the way 
in which a given polymer responds to stress. One 
format  for presenting this is as a failure-mechanism 
diagram, of  which Figs 7 to 15 below are examples. 
The axes are the normalized failure strength a/Eo and 
the normalized temperature TITs, Each diagram is 

divided in tof ie lds  within which a single mechanism is 
dominant;  the field boundaries (heavy lines) are the 
loci of  points at which two mechanisms have equal 
failure strengths. Superimposed on the fields are con- 
tours o f  constant strain rate, ~. A diagram for a given 
polymer and stress state is constructed by the simple 
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numerical procedure of evaluating each of the set of 
constitutive equations, using the data for the polymer 
given in Sections 2 and 3 and using Equation 26 to 
select the strength. The field boundaries (full heavy 
lines) are found by locating the stress and temperature 
at which a change in dominant mechanism takes 

place. The heavy broken lines correspond to the con- 
tour at a strain rate of 10 12sec-1. Since it is difficult 
to make measurements at strain rates lower than this, 
we have chosen this contour to describe the boundary 
between the elastic region (at low temperatures) and 
the yield regime. The regime of  adiabatic heating is 
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shown as a shaded zone, bounded by Equations 18 
and 19. The viscous flow regime is subdivided roughly 
into the regime of  rubber flow and that of  true viscous 
deformation. 

Data for the fracture, flow, and viscous strengths, 
from various published sources, are plotted on the 

diagrams. (Many of the parameters of  the constitutive 
equations listed in the earlier tables were determined 
by fitting them to these data.) They give an idea of  the 
accuracy with which the models fit the data. In cases 
where the molecular weight of  the test samples was not 
stated, we have assumed typical values. 
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This a p p r o a c h  contains ,  o f  course,  m a n y  assump-  
t ions and approx ima t ions .  The  detai ls  o f  the rate-  
dependence  o f  crazing (which is though t  to t r igger  
bri t t le  fracture) ,  o f  the differences between shear  yield- 
ing and  cold  d rawing  and  o f  the ways  in which mech-  
anisms interact ,  have been neglected and mer i t  much  
more  deta i led study.  But despi te  this, the d i ag rams  

(described next) show a pa t t e rn  and  consis tency which 
encourages  the view tha t  they are  the first s tep in 
bui ld ing an overal l  p ic ture  o f  po lyme r  de format ion .  

4 . 2 .  F e a t u r e s  o f  the d iagrams 
Figs  7 and  8 show the behav iou r  o f  P M M A  in tension 
and compress ion  respectively.  The  molecu la r  weight  is 
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assumed to be 1 x 105 kg k/mol -I . Data for tension are 
those of Vincent [63], Beardmore [22], Imai and 
Brown [23] and Morgan and Ward [20]. For com- 
pression we have used the data of Beardmore [22]. In 
the viscous flow regime the stresses are calculated 
from the melt viscosity data of Brodynan et al. [75]. In 
tension, there is a regime of brittle fracture (with a 
ductile-to-brittle transition temperature that depends 
on strain-rate), a regime of plasticity and one of 
viscous flow. Compressive behaviour is characterized 
by the absence of the brittle fracture regime. Some 
scatter is expected in the correlation between the 
experimental results and the model derived in this 
work because of the differences in the molecular 
weight of the test samples. 

Failure-mechanism diagrams for PS are shown in 
Figs 9 to 11. Data for tension are from Wu and Brown 
[25] while those for compression are from Bowden and 
Raha [52] and Argon et al. [51]. The viscous flow 
stresses are calculated from the melt viscosity data of 
Spencer and Dillon [76]. Figs 9 and 10 show the 
behaviour in tension corresponding to two different 
molecular weights. The higher molecular weight gives 
a larger region of plasticity and yielding, implying that 
higher molecular weight samples will be less brittle 
than those of lower molecular weights. As in the case 
of PMMA, brittle fracture and crazing is suppressed 
under compressive conditions as shown in Fig. 11. 

Diagrams for PC are shown in Figs 12 and 13. For 
molecular weights above the critical value of 1.5 x 
104 there is no indication of brittle fracture behaviour 
for both tension and compression. Data for both 
tension and compression are from Bauwens-Crowet et 
al. [26]. To locate the viscous flow regime we have used 
the viscosity data of van Krevelen [55]. 

A diagram for high molecular weight PIB is shown 
in Fig. 14. Like the linear polymers, it is brittle below 
0.8Tg, but this now corresponds to a real temperature 
of about -100°C. Above Tg, there is an extensive 
rubbery plateau in which we have interpreted "fail- 
ure" to mean "a large elastic strain (of order unity)". 
It extends up to almost 200°C where viscous flow 
starts [11]. 

The final diagram (Fig. 15) is for EP in tension (we 
have been unable to find compression data). Cross- 
linking suppresses viscous flow, giving a high rubbery 
plateau up to decomposition. 

5. Summary and conclusions 
Diagrams can be constructed which summarize the 
mechanical response of a polymer to stress. A diagram 
shows the fields Of dominance of each of several com- 
peting failure mechanisms. Contours on the diagram 
show the relationship between stress, temperature and 
strain rate: specifying any two of these locates a point 
on the diagram and allows the third to be read off. 

The diagrams are constructed from approximate 
constitutive equations, one for each mechanism, 
which have been fitted to experimental data for frac- 
ture, plasticity and viscous flow, and include the vari- 
ables of stress state and of molecular weight. They are 
plotted on normalized axes (a/Eo and T/Tg). Because 
of this, polymers with similar structures have similar 
diagrams: that for PMMA, for instance, is broadly 
typical of linear amorphous polymers; and those for 
PIB and EP broadly typify elastomers and cross- 
linked epoxies. 
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